Alloying magnesium (Mg) with rare earth elements such as yttrium (Y) has been reported to activate the pyramidal <c + a> slip systems and improve the plasticity of Mg at room temperature. However, the origins of such dislocations and their dissociation mechanisms remain poorly understood. Here, we systematically investigate these mechanisms using dispersion-inclusive density functional theory, in combination with molecular dynamics simulations. We find that <c + a> dislocations form more readily 
Introduction
Magnesium (Mg) and its alloys are promising candidate materials for energy efficient transportation vehicles and devices due to their high strength and light weight [1] [2] [3] [4] . However, the plasticity of Mg at room temperature is poor, due to their basal-type texture and limited number of slip systems available to accommodate applied plastic deformation [5] [6] [7] . Activation of <c + a> dislocations on pyramidal plane is an effective way to improve the plasticity of Mg, because these dislocations can accommodate c-axis strain and provide sufficient independent slip systems. As such, many experimental [8] [9] [10] [11] [12] [13] and theoretical studies [6, 14, 15] have been devoted to achieving a better understanding on the formation mechanisms and dissociation modes of <c + a> dislocations in Mg and its alloys.
The <c + a> dislocations can slip on either pyramidal I (P1) {10-11} or pyramidal II (P2) {11-22} planes [16] , along with different atomic densities, activation barriers, and dislocation cores. Notably, no consensus has been achieved on the prevalent slip planes in Mg and its alloys. For example, from the TEM tilting experiments the P2 <c + a> dislocation in single-crystalline Mg was suggested as the dominant slip plane [17] [18] [19] . Using the same methodology, slips on both P1 and P2 plane were detected in compressed Mg micropillar [20] [21] [22] , but the prevalent slip plane was not identified in these studies.
Compressing single-crystal Mg along its c-axis revealed that the P1 <c + a> dislocation is the dominant non-basal slip mode in Mg, since as the critical resolved shear stress (CRSS) of <c + a> slip on P1 is lower than that on P2 [9] . The debate on the prevalent slip plane also exists in theoretical studies.
Molecular dynamics (MD) simulations showed that <c + a> dislocations predominately nucleate on P1 slip plane from free surface and cavities, during c-axis compression and tension simulations [14, 23] .
However, P2 slip plane was found to be the preferred slip plane by discrete dislocation dynamics simulations [24, 25] . Although experiments have clearly demonstrated that <c + a> slip can be activated in Mg under c-axis compression [9, 23] , the CRSS for slips on pyramidal plane is still significantly larger than that on basal plane at room temperature, which is difficult to activate in pure Mg. 3 benefits the plasticity of Mg-Y alloys, but the creation of I 1 faults originates from a side effect from the <c + a> slip. A very recent study explored the possible relationship between I 1 stacking faults and <c + a> dislocations, but did not elaborate the non-conservative formation mechanisms of copious I 1 stacking faults [30] . Also, recent MD simulated results showed that Y atoms increase the CRSS of basal slip more than that of non-basal slip, eventually reducing the difference in the CRSS between different slip systems [31] .
The <c + a> dislocations on both P1 and P2 plane may dissociate into partials at the position of stable stacking fault energy (SFE) [10] [11] [12] [13] . Early experiments predicted that at room temperature a P2 <c + a> full dislocation would dissociate into two partials on the P2 plane [17] . Recent experiments provided further evidence that the <c + a> dislocation dissociates into two equal partials on the P2 plane [32] . The similar dissociation modes observed from experiments have been supported by densityfunctional theory (DFT) and MD simulations, along with a large discrepancy in the position of stable SFE (from 0.35b to 0.5b) [12, 13, 15, 33] . MD simulations also revealed other dissociation modes, e.g., dissociate into partial <c> and <a> dislocations [11, 34] , or into two partials along the <20-23> direction [30] . Notably, recent MD studies have reported that the <c + a> dislocation can dissociate into three basal-dissociated immobile dislocation structures [2] . These immobile dislocations would hinder the motion of other c-axis associated dislocations, and results in high hardening and low plasticity of magnesium [4] . Accordingly, for further development of high plasticity Mg alloys, it is critical to understand the origin and behavior of such dislocations to improve the plasticity of Mg alloys at room temperature.
In this paper, we use DFT calculations, in combination with MD simulations, to systematically study the GSFE curves of <c + a> slip on both P1 and P2 plane for Mg and Mg-Y alloys. We find that <c + a> dislocation can form more readily on the pyramidal I plane than on the pyramidal II plane in Mg. Our results help clarify the relationship between observed dislocation structures and macroscopic enhanced room temperature plasticity by alloying Mg with Y.
Computation approach
All DFT calculations performed here were completed using the Vienna Ab-initio Simulation Package (VASP) code [35] . The interaction between the valence electrons and ionic cores was described by the projector augmented wave (PAW) method [36] . The standard Perdew-Burke-Ernzerhof (PBE) form of the generalized gradient approximation (GGA) [37] was used as the exchange-correlation functional throughout the paper. The optB88-vdW exchange-correction functional [38] [39] [40] [41] was utilized to account for dispersion interactions in our calculations. In recent work [42] , we carried out optB88-vdW calculations to systematically study the slip mechanisms of pure Mg slabs, and demonstrated the promising role of van der Waals forces in the slipping process and the plasticity of Mg.
Using the lattice constant of a = 3.198 Å and c = 5.194 Å [42] , we established a 12-layer slab with 48 atoms for pyramidal slip plane (see Fig. 1 ). Each slab was separated by 10 Å vacuum to eliminate artificial interactions between slabs. One Mg atom in the sixth layer was substituted by an alloying element to model the Mg alloy systems. For slab calculations, the Brillouin zone was sampled with a 6 × 10 × 2 k-point mesh, along with an energy cutoff of 400 eV. A residual force threshold of 0.001 eV/Å was used for geometry optimizations. The convergence tests showed that the error bar of the total energy was less than 0.1 meV/atom when more accurate settings were used in our computations. As to the GSFE curve calculations, we used the conventional direct crystal slip technique, in which some coordinates of the atoms are constrained during structure optimizations. Three structure optimization methods were taken into account in our computations: 1) relax only z coordinates of each atom (termed as "z-relax"); 2) relax both x and z coordinates ("xz-relax"); and 3) fully relax all coordinates ("fullrelax").
The MD simulations were performed using the large-scale atomic/molecular massively parallel simulator (LAMMPS) code [43] . Interatomic interactions between Mg atoms were described by an MEAM-type potential [44] . The lattice constants at 300 K tested by this potential are a = 3.210 Å and c = 5.210 Å, in excellent agreement with experimental results. Note that these values are larger than those from the optB88-vdW functional, which were calculated at 0 K. We established cell with [-1100] × [11] [12] [13] [14] [15] [16] [17] [18] [19] [20] [21] [22] [23] × [11] [12] [13] [14] [15] [16] [17] [18] [19] [20] direction that contains 8600 atoms for MD simulations. The Nose-Hoover thermostats were used to maintain constant temperature. Isothermal-isobaric ensemble (NPT) was employed for an independent relaxation along three directions; the temperature of the system was kept at 300 K. The structures of perfect crystal and stable stacking fault position (0.5b) were relaxed for 10000 steps within a total time scale of 10 ns.
Results and discussion

GSFE curves of Mg
We first determine the GSFE curves of Mg along <11-23> direction slip on P1 and P2 planes.
Following the z-relax method for GSFE calculations, we shift the upper half of the crystal with respect to the lower half of the crystal along the <11-23> direction. Figure 2 (a) shows the calculated GSFE curves for both P1 and P2 slip plane, from which both stable SFE and global unstable SFE on P1 plane are lower than those of P2. Our finding is consistent with experimental observation that the formation of the <c + a> slip is easier on P1 than on the P2 plane [9] . The position of stable SFE is 0.45b in P1 and 0.35b in P2, which corresponds to the position of dislocation dissociation. However, this dissociation modes of P2 is distinct with experimental [32, 45] results, that P2 <c + a> slip will dissociate into two equal partials.
The above calculations can reproduce reasonably well the value and position of stable SFE in Refs. [12, 13, 15, 33] . However, when applying this z-relax optimization approach to corrugated faults, such as stacking faults on pyramidal planes, less accurate or even incorrect position for stable SFE would be obtained [12, 46, 47] . Notably, allowing atoms to relax in slip plane has been reported and verified in recent studies of the stable SFE on some slip planes of HCP metals [48] [49] [50] [51] [52] [53] [54] [55] . Unlike the z-relax method, the additional relaxation in the x-direction allows extra accommodation motions and coordinate glide that are perpendicular to the slip direction [32] . We re-calculated the GSFE curves by using the xz-relax method. As shown in Fig. 2b , atoms relaxed along x direction reduce the global unstable SFE value from 365 to 315 mJ/mmagnitude of the stable SFE reduces from 203 to 163 mJ/m 2 in P1, and from 213 to 158 mJ/m 2 in P2.
These results indicate that under xz-relax condition, local atom movement permitted by the additional relaxation leads to minimum values and change the position of stable SFE. These results agree with the conclusions from the experimental and other theoretical results, i.e., the <c + a> dislocation is easier to form on P1 than on P2 [9, [56] [57] [58] . Importantly, this stable position on P2 plane is consistent with the experimental results that pyramidal II <c + a> dislocation will dissociate into two equal partials [32] .
When comparing the GSFE curves calculated by PBE with those by optB88-vdW functionals, we also find that van der Waals forces have significant influence on the motion of dislocations. Our prior calculations of <a> slip on different slip planes revealed that the van der Waals interactions have significant influence on the unstable SFE, although their influence on stable SFE is less [42] . However, analysis of the GSFE curves of <c + a> demonstrates that the van der Waals interactions have obvious influence on both unstable SFE and stable SFE, although the feature of the related curves from PBE and optB88-vdW are similar. This implies that the van der Waals interactions critically affect both the slip process as well as the dissociation of pyramidal dislocations.
GSFE curves of Mg-Y alloy
To analyze the influence of Y on the formation and dissociation of <c + a> dislocations, we now study the GSFE curves of Mg-Y alloy on both P1 and P2 planes using the z-relax and xz-relax methods.
In the calculations, one Mg atom in the sixth layer was substituted by Y to model the Mg-Y alloy systems. We computed the GSFE curves of Mg and Mg-Y alloys that are obtained with the z-relax method on two slip systems. Consistent with previous studies [12, 13, 15, 33] , the GSFE curves of Mg-Y alloy are initially lower, then higher than that of Mg once beyond the position of local unstable SFE (Fig. 3a) . Remarkably, the stable SFE of Mg-Y disappeared in both planes, which suggests that the dissociation of <c + a> dislocation would be impeded by alloying with Y. Nevertheless, alloying Y maximizes the global unstable SFE from 365 to 389 mJ/m 2 in P1 and 411 to 496 mJ/m 2 in P2, which prevent the formation of <c + a> dislocations in both planes.
We re-calculated the GSFE curves of Mg-Y alloy by the xz-relax method. As shown in Fig. 3b 
Position of stable stacking fault on pyramidal II slip plane
The accurate position of stable SFE on pyramidal planes is particularly important for understanding the core structure, formation, and dissociation of <c + a> dislocations. In DFT calculations, optimization of structures with full atomic relaxation allows us to identify the position of stable SFE on slip plane [58] . Here, we focus on the position of stable SFE on P2 plane, due to the fact that the <c + a> dislocation on P2 is easier to dissociation than on P1. We fully relaxed the structure of Mg and Mg-Y alloy on P2 plane at 0.35b, 0.45b and 0.5b, respectively, and found that positions of stable SFE from the full-relax method are the same as those from the xz-relax method.
To understand the difference in the position of stable SFE, we now analyze the charge density distributions of Mg and Mg-Y at 0.5b on P2 slip plane by using different optimization approaches. As shown in Fig. 4a , similar charge density distributions can be seen for Mg, no matter whether the system was relaxed with xz-relax or full-relax. In this case, charge densities aggregate more around the slip plane as compared to those from the z-relax method. This suggests that the optimization approach of xzrelax and full-relax can give lower energy, which is closely related to the position of stable SFE.
Moreover, Fig. 4b clearly illustrates that the position of stable SFE changes from 0.5b to 0.45b upon alloying.
More importantly, the optimized structures at stable position show that atoms move cooperatively in the slip plane (Figs. 4c-4d ). This phenomenon is similar to the "atomic shuffling motion" proposed in
Ref. [33] . In that work, large-scale ab-initio calculations of <c + a> pyramidal screw dislocations in Mg prove that when atoms on a pyramidal plane are shifted to their stable positions, they end up at offlattice positions, under the influence of "atomic shuffling motion", reaching their lattice position after relaxation [33] . However, they did not notice the cooperative movement phenomenon, which will reduce the SFEs and change the sliding pathway. In our case, the above atomic motion phenomenon suggests 
Dissociation mode of pyramidal II <c + a> dislocation
We now discuss the reaction of P2 <c + a> dislocation. The existence of stable position suggests that a dislocation will dissociate into two partials at this location. The 1/3<11-23> dislocation can dissociate into two partials according to the following reaction,
where λ is a constant coefficient depends on the position of the stable SFE. Different λ values were proposed in literature [12, 13, 48] . The λ values of our calculation are 0.5 for P2 slip plane. However, the asymmetry and larger global unstable SFE value in Mg-Y implies that further slip along this direction will be impeded, which will prevent the P2 <c + a> slip. Note that the two partial dislocations are along the same direction, which was recently evidenced by dislocation core structures obtained using both DFT and MD simulations [44] . This dissociation is different from that of FCC and basal dissociation in HCP metals, in which the dissociation are along different directions.
More importantly, based on the SFCM on the stable SFE, the pyramidal <c + a> dislocation can form by following three steps: first, leading partial dislocation slip along 1/3<11-23> direction arrives at the position of stable SFE; second, stacking fault migrates cooperatively from off-lattice position to the lattice position; third, trailing partial dislocation starts from the lattice position, just like the inverse process of first process, and does not need to go through the large global unstable SFE (Fig. 3b) . The GSFE curves and the slip processes are shown in Fig. 6 . In this context, the 1/3<11-23> dislocation dissociates into two partial dislocations by the following reaction, λ λ
In this reaction, a P2 <c + a> dislocation dissociates into two symmetrical partials. Importantly, this process is energetically favorable and conservative in terms of the slip process. This leads to a significant reduction in the global unstable SFE of the trailing partial dislocation (see the second peak in Ho) alloys there are large number of <c + a> dislocations [26] , but few in Mg-Al alloy [31] . On the basis of our analysis, we conclude that both the range of PES and unstable SFE have significant influence on the formation of pyramidal II <c + a> dislocations.
Conclusions
We have carried out density-functional theory calculations to systematically study the slip and 
